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Abstract: The effect of laser beam welding on the structure and properties of a Ti1.89NbCrV0.56
refractory high entropy alloy was studied. In particular, the effect of different pre-heating temperatures
was examined. Due to the low ductility of the material, laser beam welding at room temperature
resulted in the formations of hot cracks. Sound butt joints without cracks were produced using
pre-heating to T ≥ 600 ◦C. In the initial as-cast condition, the alloy consisted of coarse bcc grains
with a small amount of lens-shaped C15 Laves phase particles. A columnar microstructure was
formed in the welds; the thickness of the grains increased with the temperature of pre-heating before
welding. The Laves phase particles were formed in the seams after welding at 600 ◦C or 800 ◦C,
however, these particles were not observed after welding at room temperature or at 400 ◦C. Soaking at
elevated temperatures did not change the microstructure of the base material considerably, however,
“additional” small Laves particles formed at 600 ◦C or 800 ◦C. Tensile test of welded specimens
performed at 750 ◦C resulted in the fracture of the base material because of the higher hardness of the
welds. The latter can be associated with the bcc grains refinement in the seams.
Keywords: high entropy alloys; laser beam welding; microstructure; mechanical properties
1. Introduction
There is a strong need for the development of novel metallic materials, which would be able to
withstand high temperatures for use in critical industries, including aerospace or energy [1]. Meanwhile,
suitable commercial alloys (like Ni-based superalloys) do not provide many opportunities for further
improvements. Therefore, new alloying concepts must be explored. One of the concepts is associated
with so-called high entropy alloys (HEAs)–alloys, composed of several principal components taken in
close to equiatomic proportions [2,3]. These alloys were found to possess some unusual properties
outperforming conventional materials, which makes HEAs attractive for a variety of applications [3–6].
For example, HEAs, that are composed of refractory elements (refractory high entropy alloys
(RHEAs) [7]), were introduced by Senkov and co-workers almost a decade ago [8]. Due to the striking
ability to maintain high strengths at extraordinary high temperatures of ~1600 ◦C [9], RHEAs have
instantly attracted considerable attention from the scientific community. First, RHEAs composed of
Nb, Mo, Ta, V, and W were too heavy: ~12.0–14.0 g/cm3 [8,9]. Such a high density made their potential
usage in the aerospace industry quite questionable, despite the impressive high-temperature strength.
Therefore, significant efforts were undertaken to produce alloys with lower density, but superior
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high-temperature strength, by using refractory elements with lower specific gravity like Ti and
Cr [10,11] and/or by adding light elements like Al [12,13]. Many new alloys with densities in the
range ~5.5–8.0 g/cm3 (i.e., lighter than the Ni-based superalloys) were introduced; some of them
demonstrated highly attractive specific strength at temperatures up to 1200 ◦C [7,14–21].
High (specific) strength itself does not guarantee the applicability of structural materials, since
many other properties are critically important as well [22]. For example, technological properties
of RHEAs, which are essential for different products fabrication, remain mostly unexplored. Some
alloys have demonstrated reasonable workability at room temperature allowing cold rolling to a high
thickness reduction. However, the number of cold-workable RHEAs is quite limited [23–26] so far.
Most RHEAs have quite low ductility at room temperature even in compression and thus can be
processed at high temperatures only [7].
Weldability is another crucial technological property of the structural materials, since welding is
one of the most reliable and efficient ways of joining different parts together. A few studies on welding
of HEAs were reported recently [27–32]. The efficiency of using arc welding [28], laser beam welding
(LBW) [31], electron beam welding [27,28], and friction stir welding [29,30,32] was shown to obtain
sound joints in HEAs with reasonable mechanical properties. However, it should be noted that all of
the studies were focused on welding of HEAs composed of non-refractory elements like Co, Fe, Ni, etc.
Meanwhile, there is no information in the literature on weldability of RHEAs. Therefore, in the present
work we have explored the structure and mechanical properties of the Ti1.89CrNbV0.56 RHEA butt
joints obtained by LBW. This recently introduced RHEA [33] had a low density of 6.17 g/cm3 and can
be cold rolled to a high thickness reduction. The LBW technique was previously used successfully
to join Ti alloys [34–39], and therefore, can be considered a proper welding method for the program
Ti-rich RHEA.
The subject of the present work was to determine suitable parameters and process conditions
for laser beam welding of the RHEA in order to achieve defect-free butt joints. Furthermore, the
microstructure and mechanical properties of the welded joints were characterized. In particular,
differences in microstructure between the weld and the base material were of interest.
2. Materials and Methods
Button-shaped ingots of the Ti1.89CrNbV0.56 alloy measured ~60 mm in diameter and ~12 mm
in height were produced by arc melting in a low-pressure, high-purity argon atmosphere inside a
water-cooled copper cavity. The purities of the alloying elements were no less than 99.9 wt. %. The
actual chemical composition of the alloy as per energy dispersive X-ray analysis (EDX) measurement
with the scan area ~1 mm × 1 mm is presented in Table 1.
Table 1. Chemical composition of the structural constituents of the Ti1.89CrNbV0.56 alloy, in at. %.
Structural Constituent Ti Cr Nb V
Interdendrite 39.8 24.7 24.2 11.3
Alloy 43.7 22.1 22.3 11.9
Specimens for welding measured 40 mm × 15 mm × 2 mm were extracted from the as-cast ingots.
Clear shiny surfaces (Ra–1.8 (according to ISO 1997)) on each side of the plates were obtained by
mechanical polishing. Butt joint LBW was performed using an 8.0 kW continuous wave ytterbium
fiber laser with a fiber optic (300 µm core diameter, 300 mm focal length, 120 mm collimation lens and
750 µm focus diameter). The wavelength of the laser was 1070 nm and the resulting beam parameter
product was 10.6 mm × mrad. Welding was performed in horizontal position 2 G: the plane of the
specimens was vertical, and the weld seam was horizontal. The weld coupon set-up was mounted
on a linear motion unit, which was positioned in a chamber filled with argon protective gas (the Ar
flow rate was 40 L/min). A heating device was used to pre-heat the specimens before welding in order
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to prevent the formation of cracks. Pre-heating temperatures of the specimens were measured by a
thermocouple. Details of the LBW set-up can be found in [39].
The LBW process was performed using the following process parameters:
• The laser power of 2.5 kW;
• The focus position of 0.0 mm above the specimen surface;
• The welding speed of 5 m/min;
• The pre-heating temperatures before LBW were 400 ◦C, 600 ◦C, and 800 ◦C; LBW at room
temperature was also carried out for the sake of comparison.
The X-ray inspections were used to determine any inner imperfections in the welds, including
porosity and cracks. The structure of the alloy was examined using X-ray diffraction (XRD) analysis,
scanning (SEM), and transmission (TEM) electron microscopy. Specimens for SEM and XRD were
prepared by careful mechanical polishing. XRD analysis was performed using a Rigaku diffractometer
(Rigaku Corporation, Tokyo, Japan) with CuKα radiation. SEM back-scattered electron (BSE) images
were obtained using FEI Quanta 600 FEG microscope (FEI, Hillsboro, OR, USA) equipped with an
EDX detector.
In addition, electron-backscattered diffraction (EBSD) analysis was performed (JEOL JSM-6490LV
(JEOL, Akishima, Japan), EDAX TSL OIM (EDAX Inc, Mahwah, NJ, USA)). EBSD measurements were
conducted at 30 kV, an emission current of 75 µA, a sample tilt angle of 70◦, a working distance of
13 mm and a step size of 2.0 µm. The crystal orientation calculation was based on the generalized
spherical harmonic expansion method, where triclinic sample symmetry could be assumed. The linear
intercept method was used to measure the size of the grains.
The specimen for TEM analysis were prepared by conventional twin-jet electro-polishing of
mechanically pre-thinned to 100 µm foils, in a mixture of methanol (600 mL), butanol (360 mL), and
perchloric acid (60 mL) at −35 ◦C and an applied voltage of 29.5 V. TEM investigations were performed
using JEOL JEM-2100 microscope (JEOL, Akishima, Japan) with an accelerating voltage of 200 kV.
Microhardness profiles across the joint were obtained using an automated Vickers hardness
testing machine (Instron, Norwood, MA, USA). Nanohardness was determined via the Oliver and
Pharr method [40] using Shimadzu DUH-211s Dynamic Ultra Micro Hardness Tester equipped with a
Berkovich indenter (both-Shimadzu, Kyoto, Japan). At least ten indents, per structural constituent
were performed with the maximum load of 50 mN for 5 s; the loading speed was 6.66 mN/s.
Dog-bone-shaped tensile specimens, with a thickness of 0.5 mm, were cut out using an electric
discharge machine from the as-cast and welded specimens. The length and width of the gauge
section were 10, and 2 mm, respectively. In the welded specimens, the seam, located in the center
of the gage, was perpendicular to the loading direction. Tensile tests were carried out on a 5-kN
electro-mechanic universal testing machine (Instron, Norwood, MA, USA) with a constant crosshead
speed. The crosshead displacement was measured with a laser extensometer (Instron, Norwood, MA,
USA). The tests were performed at 750 ◦C, due to the low ductility of the alloy. The specimens were
held at this temperature for 5 min before the onset of the test. The temperature was controlled by the
thermocouple positioned at the center of the specimen gage. Three specimens, in each condition, were
tested and characteristic stress-strain curves were shown.
The equilibrium phase diagram was constructed using Thermo-Calc (version 2019b) software and
a TCHEA3 database (both–Thermo-Calc AB, Solna, Sweden).
3. Results
3.1. Initial Microstructure
The structure of the Ti1.89CrNbV0.56 alloy in the initial as-cast condition consisted of coarse bcc
grains with noticeable dendritic segregations (Figure 1a). The average size of the bcc grains was
~280 µm. However, both relatively fine (~100 µm) and very coarse (~500 µm) grains could also be
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found (Figure 1b). The grains had mostly an irregular shape with curved boundaries. As per chemical
analysis the dendritic areas (light ones) were enriched with Ti, while the inter-dendritic space (darker
areas) were enriched with Cr and Nb (Table 1). In addition, a small amount (~1%) of lens-shaped second
phase particles were found predominantly in the inter-dendritic areas (see the high magnification
insert in Figure 1a). According to XRD (Figure 1c) and taking into account previous results for the
same alloy [33], these particles can be identified as the C15 (cubic) Laves phase. Note that the presence
of the C15 Laves particles with a similar morphology was recently revealed in the Cr10Nb30Ti30Zr30
alloy [41]. Small size of the particles (width less than 0.5 µm) did not allow identification of their
chemical composition with SEM-EDX system reliably, however these particles were enriched with Cr
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cracks perpendicular to the welding direction (Figure 2a). Specimens welded at 400 °C showed only 
a single crack in the central part of the specimen (Figure 2b). No cracks were identified after welding 
at 600 °C or 800 °C (Figure 2c,d). The present results show that the tendency to hot cracking decreases 
with an increase in the pre-heating temperature before welding. 
Structure of the Ti1.89CrNbV0.56 alloy in the initi l as-cast condition: (a) SEM-BSE image;
(b) crystal orientation map; (c) XRD pattern.
3.2. Microstructure after Welding
Figure 2 shows the results of X-ray inspections. Well-shaped homogeneous welds were achieved
at room and at all pre-heating temperatures. Butt joints welded at room temperature showed several
cracks perpendicular to the welding direction (Figure 2a). Specimens welded at 400 ◦C showed only a
single crack in the central part of th specimen (Figure 2b). No cracks were identified after welding at
600 ◦C or 800 ◦C (Figure 2c,d). The present results show that the tendency to hot cracking decreases
with an increase in the pre-heating temperature before welding.
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Figure 2. Radiographs of butt joints wel o temperature (a) or at different pre-heating
temperatures; (b) 400 ◦C; (c) 600 ◦C, and (d) 80 ◦ .
Grain structure of the welds obtained at different re-heating temperatures was examined using
EBSD technique (Figure 3); the dependence of the transversal size of the bcc grain on the pre-heating
temperature is shown in Figure 4. In general, the microstructure of the welds is typical of metallic
ingots [42]. After welding at room temperature, a columnar type structure was mainly formed in the
weld (Figure 3a). The average width of the grains was ~27 µm (Figure 4); the long axis of the grains was
oriented perpendicularly to the joint. At the fusion line between the fusion zone and the heat-affected
zone fine (~10 µm), nearly equiaxe grains can be found. These grains were obviously for ed at the
initial stages of liquid etal solidification due to rapid heat transfer towards the “cold” base metal.
Some coarse (~50 µm), nearly equiaxed grains were found at the center of the weld. An increase in the
pre-heating temperature to 400 ◦C resulted in the formation of a more equiaxed structure (Figure 3b)
with the average width of the columnar grains of ~40 µm (Figure 4). However, the microstructure had
the same morphology typical of metallic ingots: Fine and coarse equiaxed grains at the fusion line
between the fusion zone and heat-affected zone, and in the center of the weld, respectively, separated
by a columnar grains region. Further increase in the pre-heating temperature during welding resulted
in some coarsening of the microstructure (Figure 3c,d). For example, the average width of the columnar
grains was ~50 µm or ~70 µm after welding at 600 ◦C or 800 ◦C, respectively (Figure 4).
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Figure 4. Dependence of the transversal size of the columnar grains inside the welds on the
pre-heating temperature.
SEM images of the welding zone are presented in Figure 5. One can see that the dendritic structure
survived after welding. However, the width of the dendrite arms and the distance between them
gradually increased with the pre-heati g tem rature, due to lower cooli g rates of the melted alloy
during solidificat on. In addition to th changes in the scal of dendrite structure, the pre-heating
temperature affected the phase structure of the alloy in the weld. No seco d phase particl s were
detected in the samples welded at room temperature or 400 ◦C (see high magnification inserts
in Figure 5a,b). An increase in the pre-heating temperature resulted in the Laves phase particles
precipitation predominantly nearby the inter-dendritic areas (Figure 5c,d). The size and fraction of
the particles also increased with the pre-heating temperature. Note that the XRD patters showed the
presence of the Laves phase in all conditions (Figure 1c). However, these particles were most likely
located in the base material (see below).
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Figure 5. SEM-BSE images of the welding zone after LBW at different pre-heating temperatures:
(a) room temperature; (b) 400 ◦C; (c) 600 ◦C; (d) 800 ◦C.
Figure 6 shows M-BSE images of the base material taken far enough (~5 m) from the welds.
In the specimens welded at T ≤ 400 ◦C (Figure 6a,b) the microstructure was nearly identical to that in
the initial as-cast state (Figure 1a) and was presented by the dendritic segregations with the embedded
lens-shaped Laves particles in the bcc coarse-grained matrix. The microstructures of the specimens
welded at 600 ◦C or 800 ◦C (Figure 6c,d) contained in addition fine dark precipitates located nearby the
lens-shaped Laves particles. The fraction of these “additional” particles increased considerably with
an increase in the pre-heating temperature from 600 ◦C to 800 ◦C. Further TEM investigation revealed
that these particles were also in the C15 Laves phase (Figure 7).
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3.3. Mechanical Properties
Figure 8 shows microhardness profiles across the weld obtained at room (Figure 8a) or elevated
pre-heating temperatures (Figure 8b). There is no significant variation in the hardness profiles
depending on the measurement location (radiation exposure side, half-thickness, or weld root side)
after welding at room temperature (Figure 8a). The hardness increases from 475 HV in the base material
to 550 HV in the fusion zone after welding at room temperature. An increase in the pre-heating
temperature during welding slightly decreased the hardness of the base material until it reached 450
HV after welding at 800 ◦C. However, the pre-heating temperature had a much more pronounced
effect on the fusion zone hardness. The differences between the base material and fusion zone hardness
became lower with an increase in the pre-heating temperature, and no hardness gradient can be
detected after welding at 800 ◦C (Figure 8b).
Metals 2019, 9, x FOR PEER REVIEW 9 of 15 
 
Figure 7. TEM bright-field image of the base material in the specimen after LBW at the pre-heating 
temperature of 800 °C. 
   
    fil  s  t  l  i        
 t   ). There is  fi t     fi  
             
 welding at room temperature (Figure 8a). The hardness increases from 475 HV in the base 
material to 550 HV in the fusion zon  after welding at room temperature. An increase in the pre-
heating temperature dur  welding slightly decre sed the hardness of the base material until it 
reached 450 HV after welding at 800 °C. However, the pre-he ing temperature had a much more 
pronounced effect on the fusion zone hardn ss. The diff rences between the base material and fusion 
zone hardn ss became lower with an increase in he re-heating temperatur , and no hard ess 
gradient can be detected after welding at 800 °C (Figure 8b). 
(a) (b) 
Figure 8. Microhardness profiles across the weld: (a) at room temperature along radiation exposure 
side (blue line), half-thickness (red line) and weld root side (green line); (b) at different pre-heating 
temperature before welding along the half-thickness line. 
To get a better understanding of the welding conditions effect on the mechanical properties of 
the alloy, tensile tests were performed. Tensile stress-strain curves obtained at 750 °C for the as-cast 
and laser beam welded at 400–800 °C specimens are shown in Figure 9. Note that the specimens 
welded at room temperature were not tested, since the seams contained numerous cracks (Figure 2a) 
and therefore could not show suitable properties. The as-cast alloy also fractured in the elastic region 
at 250 MPa without any tensile ductility (Table 2). After LBW at 400 °C, the alloy demonstrated almost 
the same behavior. An increase in the pre-heating temperature before welding to 600 °C resulted in 
a drastic decrease in the fracture stress to 45 MPa. However, after 800 °C the alloy showed reasonable 
ductility of ∼10%. The yield strength of this condition was 265 MPa; after a short hardening stage, 
and by reaching the ultimate tensile strength of 285 MPa, an extensive softening stage associated with 
strain localization was observed. In all cases, fractures occurred in the base material.  
. fi t l : t l r i ti
ff t r - ti
f el i al t e alf-thickness line.
To get a better understanding of the welding conditions effect on the mechanical properties of the
alloy, tensile tests were performed. Tensile stress-strain curves obtained at 750 ◦C for the as-cast and
laser beam welded at 400–800 ◦C specimens are shown in Figure 9. Note that the specimens welded
at room temperature were not tested, since the seams contained numerous cracks (Figure 2a) and
therefore could not show suitable properties. The as-cast alloy also fractured in the elastic region at
250 Mpa without any tensile ductility (Table 2). After LBW at 400 ◦C, the alloy de onstrated al ost
the sa e behavior. n increase in the pre-heating temperature before welding to 600 ◦C resulted in a
drastic decrease in the fracture stress to 45 Mpa. However, after 800 ◦C the alloy sho ed reasonable
ductility of ~10 . The yield strength of this condition as 265 pa; after a short hardening stage,
and by reaching the ulti ate tensile strength of 285 pa, an extensive softening stage associated ith
strain localization as observe . In all cases, fractures occurre in the base aterial.
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Table 2. Mechanical properties (YS—yield strength, UTS—ultimate tensile strength, FS—fracture stress,
δ—elongation to fracture) of the Ti1.89NbCrV0.56 alloy obtained by tensile tests at 750 ◦C in the as-cast
state and after LBW at 400, 600 or 800 ◦C.
Condition YS, Mpa UTS (or FS), Mpa δ, %
As-cast - (250) 0
LBW 400 ◦C - (255) 0
LBW 600 ◦C - (45) 0
LBW 800 ◦C 265 285 10.4
Fracture surfaces of laser beam welded specimens at 400 ◦C or 800 ◦C after tensile tests were quite
different (Figure 10). At the lower pre-heating temperature during welding, a typical brittle fracture
with cleavage planes and river pattern on some facets, was observed. Secondary cracks were formed
along some grain boundaries. At the higher pre-heating temperature (800 ◦C) the character of fracture
became more ductile; the fracture surface was consisted of relatively small (~5 µm) di ples due to
void coalescence.
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4. Discussion
In this work, a butt joint of the Ti1.89CrNbV0.56 RHEA, using laser beam welding, was successfully
produced for the first time. Due to a high melting temperature and brittleness of the material, LBW was
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performed at different pre-heating temperatures from room temperature to 800 ◦C to prevent the
formation of hot cracks. Apparently, the pre-heating temperature affected both the microstructure and
mechanical properties of the welded specimens significantly.
The initial, as-cast microstructure was quite heterogeneous and consisted of coarse bcc matrix grains
with the lens-shaped Laves phase particles (Figure 1). LBW has obviously affected the morphology
of the bcc grains in the welding zone (WZ) (Figure 3). The grains became elongated in the direction
normal to the laser beam, and the width of these grains increased with pre-heating temperature, most
likely due to enhanced mobility of grain boundaries at higher pre-heating temperatures. In addition,
LBW at the lower pre-heating temperatures (room temperature and 400 ◦C) has resulted in the Laves
phase particles disappearance (Figure 5a,b). The formation of these particles in the alloy deserves a
more detailed analysis. The equilibrium phase diagram for the alloy constructed by the Thermo-Calc
software is presented in Figure 11.
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(BCC—body-centered cubic structure; HCP—hexagonal close packed structure).
The alloy is supposed to have a single bcc phase structure starting from the solidus temperature of
~1500 ◦C till ~1000 ◦C; the latter corresponds to the onset of the Cr-rich C15 Laves phase precipitation.
The fraction of the Laves phase increased with a decrease in temperature. Finally, at T ≈ 500 ◦C a
Ti-rich hcp phase precipitated. The presence of the Laves phase in the initial as-cast condition can be
most probably associated with a rather low cooling rate of relatively big ingots of the alloy that was
not enough to “freeze” the high-temperature single-phase structure. In turn, faster cooling rates of the
alloy, during the welded material solidification, prevented the formation of the Laves particles in the
case of LBW at room temperature or 400 ◦C. During welding at higher pre-heating temperatures, the
cooling rate is slower thereby allowing the Laves particles precipitation.
Also, annealing at 800 ◦C resulted in the precipitation of “additional” Laves particles in the base
material after welding at pre-heating temperature of 600 ◦C or 800 ◦C. The formation of the particles
can be attributed to the decomposition of the supersaturated bcc solid solution during holding at
elevated temperatures (Figure 11). Note that the particles precipitated in the inter-dendritic areas were
observed mainly nearby the coarser particles, inherited from the as-cast condition. The Laves phase in
this alloy is supposed to be composed of Cr and Nb predominantly [33] and, therefore, the “additional”
particles formed in the inter-dendritic areas which were rich in these elements (Table 1), similarly to
the Laves phase particles formation in the NbCrMo0.5Ta0.5TiZr alloy [43].
Mechanical properties of the Ti1.89NbCrV0.56 alloy were found to be strongly sensitive to the
welding conditions. A noticeable increase in the fusion zone hardness, as well as the variation in
the hardness with the temperature during welding (Figure 8b), can be attributed to the bcc matrix
grain size as a function of pre-heating temperature (Figure 4). The relationship between the average
hardness and average grain size in the fusion zone shown in Figure 12 suggests that the Hall-Petch
mechanism is active.
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Due to the higher hardness of the weld, welded specimens fractured in the base material section
during tensile tests. This type of behavior was observed earlier in other welded HEAs [44]. However,
the welding conditions strongly influenced on tensile behavior; for example, specimens welded at
T ≤ 600 ◦C exhibited brittle fracture even at 750 ◦C while the alloy welded at 800 ◦C showed reasonable
ductility (Figure 9, Table 2). One of the reasons for the increased ductility can be associated with the
formation of a less defect structure (in terms of cracks) with an increase in the pre-heating temperature
before welding (Figure 2).
The “additional” Laves particles precipitation after welding at 800 ◦C can also provoke an increase
in ductility. It is generally believed that the second phase particles precipitation should result in
strengthening. However, in the present case nano-hardness of the particles-containing areas (480 HV)
was found to be lower than that of the particle-free zone (560 HV) after welding at 800 ◦C. This result
can most likely be related to (i) lower solid solution hardening of the bcc matrix due to depletion in Cr
and Nb [11,33] and (ii) low (er) hardness of the Laves phase itself [33]. That is why the Laves phase
particles precipitation in the present alloy resulted in both some softening and an increase in ductility
after welding at 800 ◦C. It should be also noted, that the size of the facets in Figure 10b is correlated
with the size of precipitation-free areas (Figure 5d) thereby suggesting that the more ductile behavior
can be associated with a temporary crack arrest in these Cr and Nb depleted regions.
The obtained results demonstrate for the first time the possibility to produce sound butt joints of
the Ti1.89NbCrV0.56 RHEA by LBW, which is an important step toward potential practical applications
of this new class of metallic alloys. However, the present study also emphasized the importance
of LBW process parameters (particularly pre-heating temperature) to obtain good results, which is
quite different from the transition metals HEAs [27–32,44,45]. Given the wide range of the available
RHEAs compositions [7], specific attention should be paid to select proper welding conditions for each
individual alloy.
5. Conclusions
In this work, laser beam welding, at different pre-heating temperatures, was successfully used to
produce butt joints of the Ti1.89NbCrV0.56 refractory high entropy alloy. The following conclusions
were drawn:
1. The as-cast Ti1.89NbCrV0.56 alloy had a coarse-grained bcc structure with a small amount of
lens-shaped C15 Laves phase particles. Welding at room temperature or using the pre-heating
temperature of 400 ◦C did not result in the formation of the Laves phase particles in the seams.
However, these particles were found after welding with the pre-heating temperature of 600 ◦C
or 800 ◦C. Newly crystallized bcc grains in the welds were mostly elongated; their thickness
increased with an increase in the pre-heating temperature. The structure of the base material
did not change noticeably after welding except for the “additional” Laves particles precipitation
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after soaking at 600 or 800 ◦C during LBW. Cracks were observed in the weld after LBW at room
temperature or at 400 ◦C.
2. Specimens welded at the pre-heating temperature of 800 ◦C demonstrated reasonable tensile
ductility at 750 ◦C; welding at the lower pre-heating temperatures resulted in brittle fracture
during tension. Fracture in all cases occurred in the base material. The hardness of the weld was
higher than that of the base material due to the bcc grains refinement.
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